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1. Introduction

Spinel lithium manganese oxide 
(LiMn2O4) is an important material for 
many electrochemical applications. While 
LiMn2O4 is most commonly known as a 
high-rate cathode material for lithium ion 
batteries,[1] it has also been used in selec-
tive extraction of lithium from brine,[2,3] 
and as a cathode material in aqueous 
sodium sulfate for environmentally 
friendly, safe, and inexpensive batteries.[4] 
For each of these applications, cations 
(e.g., Li+) are known to reversibly incor-
porate into the spinel manganese dioxide 
(λ-MnO2) host structure during cycling.

The electrochemical lithium interca-
lation processes in LiMn2O4 are well-
studied, having been evaluated using 
in situ synchrotron techniques, in situ 
electrochemical quartz-crystal micro-
balance (EQCM) experiments, and var-
ious computational and experimental 
approaches.[5–7] The amount of lithium 
present in the MnO2 electrode, repre-
sented by x in LixMn2O4, is known to vary 
between 0.27 and 1.0 when cycled over a 

potential range of 3.8–4.2 V versus Li+/Li.[5] Within this poten-
tial range, two equilibrium potentials are observed at ≈3.9 and 
4.1 V versus Li+/Li, which are concomitant with a transition of 
incorporated Li+ from the 8a to 16c position in the host λ-MnO2 
structure.[7] However, lithium intercalation may not be the only 
charge storage mechanism operating in LiMn2O4, as suggested 
by EQCM measurements which indicate that less than one 
lithium ion is transferred per electron during electrochemical 
cycling of LiMn2O4.[5]

While LiMn2O4 is appealing as an electrode material for 
charge storage due to its high rate capabilities,[1] particularly 
at the nanoscale,[8,9] the practical use of LiMn2O4 for charge 
storage is limited by its lower capacity relative to other cathode 
materials. LiMn2O4 has a capacity of ≈110 mAh g−1, while 
LiCoO2 and LiFePO4 have capacities of 140 and 170 mAh g−1, 
respectively.[1] Furthermore, LiMn2O4 exhibits poor cycling 
capability, especially at elevated temperatures[10] and applying a 
potential <3.2 V versus Li+/Li results in the irreversible forma-
tion of overlithiated LixMn2O4 where x is as high as 2.[5,7] Recent 
work has also indicated some reversibility at <3 V in nanoscale 
LiMn2O4, which is consistent with our observations below.[11,12] 
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In order to improve these shortcomings and harness the high-
rate charge storage in LiMn2O4, a detailed understanding of the 
origins of charge storage in nanoscale LiMn2O4 and the factors 
driving the degradation of LiMn2O4 is needed.

In this work, we provide new insight into the electrochem-
ical behavior of LiMn2O4 using a unique experimental study 
combined with a theoretical analysis rooted in semiconductor 
and defect physics. The experimental study is enabled by a new 
method we developed for synthesis of thin-film LiMn2O4 by 
room-temperature electrochemical conversion of thin films of 
MnO. Thin films of MnO are grown by atomic layer deposition 
(ALD) using bis(ethylcyclopentadienyl)manganese (Mn(CpEt)2) 
and water (H2O) at 150 °C,[13] and are electrochemically 
oxidized and lithiated to LiMn2O4 at room temperature. The 
electrochemical conversion of MnO to LiMn2O4 was inspired 
by our previous work which demonstrated that ALD-grown 
MnO can be electrochemically oxidized to produce pseudoca-
pacitive NaMn4O8 in aqueous electrolytes.[14]

LiMn2O4 synthesis is conventionally performed using solid-
state reactions between sources of lithium and manganese, 
such as LiOH and MnO2,[15] Li2CO3 and Mn(NO3)2,[16] or Li 
and MnO2.[17] Other proven techniques for producing LiMn2O4 
include molten salt synthesis[18] and sol-gel or hydrothermal 
synthesis.[19,20] Prior attempts to grow higher oxides of man-
ganese by ALD produced ground-state β-MnO2.

[21] However, 
introducing alkali ions into films using soda-lime glass sub-
strates enabled the formation of metastable α-MnO2 by ALD.[22] 
More recently, spinel LiMn2O4 was synthesized using ALD of 
Mn(thd)3, Li(thd), and ozone,[23] but required postdeposition 
annealing at 600 °C to activate the LiMn2O4.[23] The hybrid 
ALD-electrochemical method employed here to synthesize 
nanoscale thin-films of LiMn2O4 requires gentler processing 
than prior methods, while the ALD facilitates precise thickness 
control of the resulting LiMn2O4, which we leverage to study 
the mechanism of high-rate charge storage.

We also expand upon prior computational studies of the 
mechanism of charge storage in LiMn2O4 using our recently 
developed unified electrochemical band-diagram (UEB) frame-
work that decouples the ionic and electronic insertion processes 
and evaluates the electronic insertion voltages independently of 
the elemental reference of the intercalating ion.[24] In contrast 
to existing techniques that calculate the reaction enthalpies for 
lithiation (the addition of both Li+ and e−) of the host material 
referenced to lithium metal to estimate the average operational 
potential,[25,26] the UEB framework leverages solid state physics 
and defect theory to quantitatively calculate the potentials where 
charge storage will occur and fundamentally understand the ori-
gins of charge storage as well as the driving forces for degradation 
in these thin films. See the Supporting Information for compu-
tational details. We have previously used the UEB framework to 
describe high-rate charge storage in pseudocapacitive α-MnO2,[24] 
however this framework has not previously been applied to ion 
intercalation electrode materials. In α-MnO2, high-rate charge 
storage was found to arise from electronic charge-switching that 
does not require compensating cation transport, a mechanism 
which we find to be operative in LiMn2O4 as well (vide infra).

Our theoretical study of LiMn2O4 also demonstrates the 
utility of the UEB framework to intelligently identify new 
candidate electrode materials for advanced batteries. This 

framework enables the fundamental connection of the intrinsic 
properties (e.g., band gap and work function) of λ-MnO2 with 
the known equilibrium potentials of LiMn2O4 as depicted in 
Figure 1. These principles can be applied to assist in screening 
for electrode materials to be used with ionic liquid electrolytes 
which are stable at potentials up to 6V,[27,28] as well as emerging 
polymeric[29,30] and ceramic[31] solid-state electrolytes which 
show promise for possessing wider stable potential windows 
as depicted in Figure 1. Furthermore, the UEB framework 
allows for screening of the host material (here λ-MnO2) to iden-
tify the range of expected equilibrium potentials independent 
of the cation of interest. This enables simultaneous screening 
for electrode materials in emerging battery technologies that 
use low-cost and earth-abundant singly charged cations (e.g., 
Na+, K+) and power-enhancing multiply charged cations (e.g., 
Mg2+, Al3+) as shown in Figure 1. The evaluation of candidate 
materials using the UEB framework, as exemplified herein for 
LiMn2O4, enables a robust approach for the computationally 
accelerated discovery of electrode materials for higher voltages 
and various cations.

2. Results and Discussion

2.1. MnO Growth on Stainless Steel

In this work, we observe a growth rate of 0.95 Å per cycle for 
ALD of MnO using Mn(EtCp)2 and H2O at 150 °C, in agree-
ment with previous work.[13] See Section 2 in the Supporting 
Information for additional information regarding the growth 
and characterization of MnO.

2.2. Electrochemical Conversion

Following ALD deposition, MnO films were converted elec-
trochemically as described below in the Methods Section. As 
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Figure 1. Absolute potential diagram motivating the need for high-
voltage cathode materials, showing equilibrium potential regions for 
anodes (green) and cathodes (red), and electrolyte stability windows 
(blue), with common electrochemical references shown in black.
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electrochemical treatment progresses, the electrochemical 
capacity (proportional to the area under the cyclic voltammetry 
(CV) curve) increases monotonically. One would expect that con-
stant current oxidation alone would be sufficient to oxidize MnO 
to LiMn2O4. Surprisingly, although a constant current oxida-
tion step was performed during electrochemical conversion, no 
change in capacity was observed immediately following this step. 
This suggests that successive oxidation/reduction steps during 
repeated voltage cycling CV measurements, not the fixed cur-
rent oxidation, lead to the formation of LiMn2O4, in line with the 
incremental dissolution/reaggregation mechanism described 
below. During electrochemical conversion, two distinct peaks 
develop at ≈3.9 and ≈4.1 V versus Li+/Li (≈0.7 and ≈0.9 V versus 
Ag/AgCl), as shown in Figure 2. These peaks exactly coincide 
with peaks that are commonly observed for LiMn2O4 and thus 
indicate that the electrochemical process converts the MnO film 
to LiMn2O4.[5,7] We also predict the origins and positions of these 
peaks theoretically, as described in detail below.

During electrochemical conversion of MnO, the pH of the 
electrolyte was measured repeatedly ex situ. We observed that 
the electrolyte pH decreased from 10 to as low as 6.5 during 
electrochemical treatment, indicating the production of acid 
during this process. Electrochemical water splitting or dis-
solution of MnO to Mn2+ is not expected to result in a net 
pH change. However, the decrease in pH is consistent with the 
formation of LiMn2O4, for example, by the overall reaction 

�Li SO 4MnO 4H O 2LiMn O 3H 2H SO2 4 2 2 4 2 (aq) 4(aq)
2+ + + + ++ −  (1)

and with formation of MnO4
−, for example, by the overall 

reaction 

�MnO 3H O MnO
5
2

H H2 4(aq) 2 (aq)
++ + +−

 (2)

We note that reactions (1) and (2) are overall stoichiometric 
reactions for both electrodes, which include H2O reduction 
on the counter electrode, and are not intended as mechanistic 
descriptors. When the measured pH was <9, dilute Li2CO3 was 
added to the electrolyte to maintain a pH of 9–11. We discuss 
the effect of pH on the electrochemical conversion of MnO to 
LiMn2O4 further below.

2.3. Film Characterization after Electrochemical Conversion

In addition to the presence of CV current peaks characteristic 
of LiMn2O4, the crystallinity and composition of the electro-
chemically treated MnO films verify the formation of LiMn2O4. 
Figure 3a shows grazing incidence X-ray diffraction (GIXRD) 
data, including diffractograms for both the ≈40 and ≈200 nm 
thick MnO films, following electrochemical treatment under 
basic conditions. Despite the small film thickness and the 
expected small crystallites, we observe distinct peaks in the 
GIXRD diffractogram which coincide with the reference diffrac-
togram for LiMn2O4 and thus indicate electrochemical conver-
sion of ALD MnO to spinel LiMn2O4. The crystal structure of 
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Figure 2. Cyclic voltammograms measured for 400 cycles MnO ALD 
(≈40 nm) on a stainless steel substrate in Li2SO4/Li2CO3 aqueous elec-
trolyte at pH 10 during electrochemical conversion.

Figure 3. a) Grazing-incidence X-ray diffraction measurements of a bare 
stainless steel substrate, and LiMn2O4 films formed by electrochemical 
conversion of MnO films grown with 400 and 2000 MnO ALD cycles , 
including a reference diffractogram for b) the spinel LiMn2O4

[43,57–59] 
crystal structure.
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LiMn2O4 is shown in Figure 3b. The capacitance of the 40 nm 
MnO film following electrochemical oxidation to LiMn2O4 was 
≈380 F g−1 over a 1.4 V window at a sweep rate of 1 mV s−1 
(see the Supporting Information for additional detail). A higher 
capacitance of 570 F g−1 is observed from 0.5 to 1 V versus 
Ag/AgCl where the two peaks, labeled i2 and i3, are observed. 
This value corresponds to a capacity of 79 mAh g−1, which 
approaches the value of 110 mAh g−1 expected for LiMn2O4.[1] 
The measured capacitance supports that we achieved at least 
70% conversion of the 40 nm MnO film to LiMn2O4. The oxi-
dation of MnO to the MnO2 stoichiometry was also verified 
by X-ray photoelectron spectroscopy which indicated an O:Mn 
ratio of ≈2 throughout the depth of an electrochemically con-
verted ≈100 nm film (See Section 3 in the Supporting Informa-
tion for details).

The as-grown MnO films are flat, with roughnesses of ≈20 Å 
for the ≈40 nm MnO films as determined by X-ray reflectivity 
(XRR). However, following electrochemical oxidation, scanning 
electron microscopy (SEM) micrographs (Figure 4) show that 
the sample surfaces roughen and become nonuniform with 

some apparent submicron sized particles dispersed over the 
surface. Nevertheless, these topographical changes are modest 
considering the significant stoichiometry and phase changes 
that occur during electrochemical treatment. We note that the 
samples shown in Figure 4 were rinsed with deionized water 
prior to SEM imaging to remove any contamination from elec-
trochemical treatment.

2.4. Quantum Mechanical Calculations

We evaluated the cation incorporation charge storage mecha-
nism in LiMn2O4 using the UEB approach,[24] which couples 
an ab initio description of the electronic structure of the defect 
states induced by ion incorporation into the host structure 
with an electrochemical description of the electrode interface. 
This approach predicts the presence, nature, and potentials of 
charge switching states and thus the locations, origins, and rel-
ative magnitudes of features in a CV that arise from reduction 
and oxidation of these states.

The UEB approach involves using the work function and 
band gap of the host material, here λ-MnO2, to determine the 
absolute band energies of the host material as a reference for 
successive calculations with incorporated ions. The structure 
of the perfect host λ-MnO2 structure devoid of Li+ cations is 
illustrated in Figure 5a. A plot of the calculated plane-averaged 
local Hartree potential versus position along the [111] direction 
of a slab of the λ-MnO2 host structure with the dominant (111) 
termination[32] is displayed in Figure 5b. The blue curve rep-
resents the bulk material and the black curve represents the 
slab with vacuum space, where we aligned the two potentials 
using the average local Hartree potential of the bulk material 

avg
bulkV( ). The work function for the host material is defined as 

the energy difference between the bulk Fermi level and an 
electron in vacuum.[33] We calculate the λ-MnO2 host material 
work function to be 8.0 eV, which we use to plot the projected 
density of states (PDOS) on an absolute energy scale versus an 
electrochemical reference as illustrated in Figure 5c. This work 
function is calculated for defect-free λ-MnO2. As discussed 
below, incorporation of interstitial lithium introduces occupied 
electronic states near the conduction band edge, resulting in a 
predicted experimental work function of ≈6 eV for LiMn2O4, in 
close agreement with the experimental work function of 6.2 eV 
calculated from ultraviolet photoelectron spectroscopy data.[34] 
The PDOS indicates that the valence band is primarily com-
posed of O[2p] character while the conduction band is primarily 
composed of Mn[3d] character and current peaks are predicted 
to appear near the bottom of the electrochemically scanned 
region (2.95–4.35 V versus Li+/Li), just below the conduction 
band edge of the host λ-MnO2 electronic structure. We also cal-
culate a 2.3 eV indirect band gap for the host λ-MnO2 structure.

Our previous study of α-MnO2
[24] suggested that cations 

intercalate into the host λ-MnO2 structure and interact with 
antibonding MnO orbitals to stabilize them from the conduc-
tion band into the band gap. Thus, we expect that the resulting 
cation-induced defect states fall within ≈1 eV of the conduction 
band edge and switch charge state as the cycled potential sweeps 
the Fermi level past their electronic energies, thus giving rise 
to the observed peaks in the CV. However, using the conven-
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Figure 4. Scanning electron microscopy micrographs after electrochem-
ical conversion to LiMn2O4 for initial MnO deposited by a) 200 ALD 
cycles, and b) 2000 ALD cycles.
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tional rigid band model (which neglects explicit evaluation of 
varying charge states of the fully lithiated λ-Mn2O4 host struc-
ture), the positions of these defect levels in LiMn2O4 cannot 
be quantitatively stated. Thus, we can only anticipate that as in 
α-MnO2, cations will induce charge-switching states with equi-
librium reduction potentials at electronic energies that lie below 
the conduction band minimum, ≈1 eV below the band edge.

By performing total energy calculations of the fully lithi-
ated LiMn2O4 structure, we are able to more precisely predict 
the electrochemical behavior of LiMn2O4. Figure 6 presents a 
comparison of experimental CV measurements with the theo-
retically predicted potentials derived using the UEB method, 
as well as a qualitative PDOS diagram. Note that although 
the PDOS diagram was determined using the Heyd-Scuseria-
Ernzerhof range-separated hybrid functional (HSE06) method, 
it does not align with the predicted potentials. This is because 
this PDOS is derived from a calculation for one charge state 
(rigid band model) and does not accurately account for all of 
the factors required to quantitatively determine the potentials 
for transitions between charge states.

While we previously investigated a variety of cations incorpo-
rated into the crystal structure of α-MnO2, including protons, 
here, we primarily focus on lithium ions due to the prevalence 
of LiMn2O4 as a cathode material for lithium ion batteries. 
While we discuss the effects of exchanging Li+ for Na+, K+, 
and Mg2+ (vide infra), we expect negligible contribution from 
protons at the basic conditions primarily examined in this 
work. We also previously suggested that defect interactions in 
α-MnO2 resulted in equilibrium-potential smearing. While this 
likely plays a role in LiMn2O4 as well, we expect the broadening 
of cation defect levels are limited due to the more shielded and 
isolated environment of cations incorporated in the λ-MnO2 
host structure.

A comparison of the CV and the UEB calculated charge-
switching potentials of LiMn2O4 depicted in Figure 6a,b shows 
that the electronic transitions of fully lithiated LiMn2O4 serve as 
a reliable predictor of the experimental equilibrium potentials 

for charge transfer. As we anticipated above, these predicted 
electronic transitions arise from the stabilization of conduc-
tion band states of the host λ-MnO2 upon incorporation of 
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Figure 5. a) Calculations of host λ-MnO2 devoid of lithium,[58] including b) plane-averaged local Hartree potential in the [111] crystallographic direc-
tion for bulk (blue), and slab (black) λ-MnO2 with the Fermi energy, εf, average bulk potential, avg

bulkV , and work function, W, indicated. The blue and red 
circles denote the in-plane presence of O and Mn, respectively. c) The projected density of states of bulk λ-MnO2 at energies referenced to Li+/Li and 
the valence band maximum energy, Evbm, of λ-MnO2. Oxygen character is shown in red and manganese character is shown in blue. The experimentally 
scanned potential region is highlighted in yellow.

Figure 6. Comparing calculations and measurements on LiMn2O4. a) CV 
measurement on 400 cycles of MnO ALD after electrochemical conver-
sion to LiMn2O4 in basic electrolyte. b) UEB calculated formation energies 
for various charge states of LiMn2O4 with charge-switching potentials, E0, 
indicated by square symbols. The inset images show the band-decom-
posed charge densities of the corresponding MnO orbitals involved in 
charge storage. c) Density of states at the Γ-point of the host λ-MnO2 
(grey), and O (red) and Mn (blue) components of LiMn2O4. The locations 
of the states in (c) do not align with (a) and (b) due to the incomplete 
description of the single calculation used in generating (c), hence the 
necessity of performing the multiple calculations necessary in deriving (b).
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Li+ cations, as depicted in Figure 6c. The field of the positively 
charged Li+ favorably interacts with the conduction band states 
of MnO2, composed predominantly of Mn(eg)-O(2p) character, 
by localizing them to the neighboring MnO octahedra and 
stabilizing their energy into the band gap.

The inset of Figure 6b shows a band-decomposed charge den-
sity analysis of the stabilized states that accept electrons when 
an applied potential raises the Fermi level above these states. 
The insets show that the two defect bands arising from interac-
tion of MnO antibonding states with Li+ differ in their orienta-
tion with respect to the intercalated Li+. In this position, a lobe 
of the higher energy band is pointed directly at the Li+ inter-
stitial, whereas the lobes of the lower energy band straddle the 
lithium center. In these images, Li+ coordinates to four oxygen 
atoms where bonds are illustrated only for directional refer-
ence, and do not indicate covalent bond character. The differing 
interactions with Li+ that split these bands are analogous to dif-
ferences in the interactions that give rise to eg-t2g crystal field 
splitting, which we propose is the fundamental basis for the 
experimental observation of two separate equilibrium potentials 
at ≈3.9 and ≈4.1 V versus Li+/Li. Future work will more compre-
hensively examine the utility of employing crystal field theory to 
understand the electrochemical behavior of this and other bat-
tery materials.

The band-decomposed picture also provides insight into the 
migration of Li+ from the 16c to the 8a position under applied 
positive potential as has been observed experimentally.[7] In the 
fully intercalated LiMn2O4 structure, the Li+ interstitials occupy 
the 16c position. At potentials <≈4.1 V versus Li+/Li, the higher 
energy band, as depicted in the right-hand inset of Figure 6b, 
is occupied and stabilizes Li+ in the 16c position. However, 
at potentials >≈4.1 V versus Li+/Li, the higher energy lobe is 
unoccupied and Li+ is repelled from the adjacent MnO group 
toward the 8a position. The migration of Li+ between these 
sites is expected to occur slowly, requiring removal of half of 
the Li+ from the bulk structure, while the electronic occupa-
tion of these orbitals is expected to occur rapidly because it only 
requires electron transport.

2.5. pH Dependence of Electrochemical Conversion

Cyclic voltammograms scanned at 20 mV s−1 for various film 
thicknesses following 60 CV cycles at a pH of ≈6 are presented 
in Figure 7a. CV traces taken during electrochemical conver-
sion at this pH are shown in Figure S4 of Section 4 (Supporting 
Information). At this mildly acidic pH condition, conversion 
to LiMn2O4 is evident by the appearance of peaks at ≈3.9 and 
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Figure 7. Impact of pH on electrochemical conversion, including cyclic voltammograms for varying thicknesses of MnO following electrochemical 
treatment in a) mildly acidic 0.1 m Li2SO4(aq) electrolyte, and b) basic electrolyte buffered to a pH of 10 using Li2CO3. As well as c) Pourbaix-like diagram 
depicting the UEB calculated band edges of λ-MnO2, charge-switching potentials for LiMn2O4, and the boundary for thermodynamically favorable 
decomposition of MnO2 to MnO4

− as a function of pH.
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≈4.1 V versus Li+/Li in Figure 7a. However, the shape and area 
under the CV curves for three film thicknesses are nearly iden-
tical. This indicates that electrochemical treatment in mildly 
acidic electrolyte does not convert the entire film to LiMn2O4, 
but perhaps instead converts only a constant quantity (≤20 nm) 
of MnO to LiMn2O4 which provides the electrochemical capaci-
tance. This is in sharp contrast to the trend in capacity versus 
film thickness for MnO films oxidized under basic conditions, 
as shown in Figure 7b. For basic conditions, the area under the 
CV curve, as well as the peak heights, increase monotonically 
with increasing film thickness.

While protons are expected to be present in low concentra-
tions at the mildly acidic conditions in Figure 7a, we suggest 
that the charge storage we measure in Figure 7a arises primarily 
from Li+ in λ-MnO2. Our prior work predicted that as much as 
50% of charge storage in α-MnO2 arises from protons which 
incorporate at sites in α-MnO2 where larger cations are steri-
cally hindered.[24] Conversely, in λ-MnO2 Li+ readily occupies all 
of the cation-incorporation sites. While protons may compete 
with Li+ for interstitial sites in λ-MnO2 under kinetically lim-
iting conditions, Li+ insertion is expected to be more favorable 
at equilibrium. This is supported by the observation that pro-
tons incorporate into λ-MnO2 only in the presence manganese 
vacancies.[35] Occupation of Mn vacancies by protons is expected 
to shift the equilibrium potential for charge storage.[24] Further-
more, while protons may contribute to charge storage under 
acidic conditions, any manifestation of this is obfuscated by the 
incomplete conversion of MnO to LiMn2O4 under acidic con-
ditions. We note that this discussion is only relevant to acidic 
conditions and therefore the results we report in Figure 7a, and 
that protons do not contribute significantly to charge storage at 
the basic conditions primarily used in this work.

The influence of pH on the electrochemical conversion of 
MnO can be understood by employing a Pourbaix-like diagram 
as shown in Figure 7c. This figure differs from a standard 
Pourbaix diagram in that the y-axis shows increasingly negative 
potentials for increasing y, such that higher electron energies 
correspond to a greater y-value. Also, this diagram plots the 
band edges of the host λ-MnO2 structure, the predicted equilib-
rium potentials for charge switching in LiMn2O4 and the rele-
vant decomposition reactions of MnO2 as a function of pH. We 
note that the surface of MnO will readily convert to MnO2 under 
atmospheric conditions,[13,36,37] and therefore we examine the 
electrochemical properties of MnO2 in Figure 7c to understand 
the electrochemical conversion of MnO to LiMn2O4. Figure 7c 
shows that at any particular pH, the oxidative decomposition of 
MnO2 to form permanganate (MnO4

−) by the reaction 

�MnO 2H O MnO 4H 32 2 4 e+ + +− + −  (3)

becomes more thermodynamically favorable with increasing 
positive potentials.

We suggest that the pH-dependence of the favorability of 
MnO4

− formation by reaction (3) leads to the differences in the 
thickness of MnO converted to LiMn2O4 shown in Figure 7. At 
basic pHs, reaction (3) becomes favorable within the scanned 
potential range. For example, at a pH of 10 MnO4

− formation 
is favored at potentials >0.75 V versus Ag/AgCl, as depicted 
in Figure 7c. At this pH, as the potential is swept into the 

grey region, reaction (3) will be driven forward. Reaction (3) 
is expected to proceed by adsorption of H2O to form surface 
manganese complexes of higher oxidation state with adsorbed 
OH intermediates, followed by dissolution of surface manga-
nese as MnO4

−. These processes should lead to dynamic rough-
ening and etching of the film surface, enabling penetration of 
lithium and water into the bulk manganese oxide film. As the 
potential is scanned out of the grey region, reaction (3) will be 
driven in reverse, leading to redeposition of dissolved Mn by 
readsorption of MnO4

− and reduction of these higher oxidation 
state surface manganese complexes to again form LiMn2O4. 
Therefore, at a pH of 10, repeated CV cycling will lead to the 
conversion of MnO to LiMn2O4, as depicted in Figures 2 and 7b.

Conversely, at the acidic pHs shown in Figure 7a, the poten-
tial is not scanned into the grey region. Therefore, any MnO2 
present in the film remains stable and formation of LiMn2O4 is 
limited to the near-surface region of the manganese oxide film, 
corresponding to the depth that water and lithium are able to 
penetrate into the relatively static and dense MnO2 film. We 
note that the theoretical predictions in Figure 7c are derived 
from the UEB framework and allow for the interpretation of the 
experimental results for electrochemical conversion of MnO to 
LiMnO2 in Figure 7a,b.

Therefore, the conversion of MnO to MnO2 is suggested 
to proceed via a multistep process, where (a) surface MnO 
spontaneously reacts with H2O to form a thin-film of MnO2, 
(b) MnO2 oxidizes to form MnO4

− under positive potentials 
and the underlying MnO is partially oxidized, and (c) MnO4

− is 
reduced on the surface under negative bias in the presence of 
Li+ from the electrolyte to form LiMn2O4. This mechanism is 
supported by our observations that CV cycling is necessary to 
form LiMn2O4 and that the extent of conversion to LiMn2O4 is 
pH-dependent. The importance of the pH and permanganate 
ion as well as the dissolution and aggregation growth process 
we describe is also consistent with previous results on hydro-
thermally grown manganese oxide polymorphs.[38]

The Pourbaix-like construct also provides a fundamental 
understanding of the slow conversion of LiMn2O4 to Li1+δMn2O4 
at more negative potentials. As the bias applied to the λ-MnO2 
is scanned to potentials more negative than the redox poten-
tials for charge switching of intercalated Li+, electrons begin to 
populate and possibly localize the low lying conduction band 
states of the λ-MnO2 that lie just above the potentials of the Li+ 
induced defect states (see Figure 6). Consequently, the LiMn2O4 
film is expected to undergo Fermi-level pinning at the conduc-
tion band edge, where the accumulation of negative charge 
drives the reduction of LiMn2O4 to Li1+δMn2O4.[5,7] We expect 
this process to be slow as it requires a bulk rearrangement of 
atoms to form the new crystal structure.[5] We emphasize that 
this thermodynamic analysis using the Pourbaix-like construct 
can be applied in an arbitrary electrolyte or interfacial environ-
ment, provided that the chemical potential of a proton (i.e., pH) 
in this environment can be determined.

2.5.1. Deconvolution of Capacitive and Diffusive Charge Storage

In addition to the broad implications for understanding charge 
storage in battery materials obtained from the UEB construct, 

Adv. Funct. Mater. 2016, 26, 7895–7907

www.afm-journal.de
www.MaterialsViews.com

www.wileyonlinelibrary.com


fu
ll

 p
a
p
er

7902 wileyonlinelibrary.com © 2016 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

the accurate prediction of the observed equilibrium potentials 
by our ab initio electronic structure calculations suggests that a 
fraction of the electronic charge storage in LiMn2O4 could orig-
inate from an electronic insertion process that is decoupled 
from the ionic insertion process and therefore stores charge 
without mass transport of lithium. To evaluate this possibility, 
we delineated the capacitive and diffusive contributions to 
charge storage in LiMn2O4 films of different thicknesses using 
an electrochemical analysis based on varying the sweep rate 
to eliminate contributions from diffusive processes that occur 
on long timescales relative to the sweep rate. Here, capacitive 
contributions to charge storage include (a) double-layer capaci-
tance, (b) dielectric capacitance, and (c) electronic charge-
switching without compensating mass transport of Li+. In 
contrast, diffusive contributions to charge storage require ionic 
mass transport. Sections 5 and 6 (Supporting Information) 
describe an analysis of the total capacitance of LiMn2O4 versus 
film thickness that does not distinguish between capacitive 
and diffusive components. Figure 8a shows the mass-averaged 
oxidation current, iavg, as a function of sweep rate for various 
starting MnO thicknesses after electrochemical conversion to 
LiMn2O4 on a log–log scale. To calculate iavg, an arithmetic 

mean of the current on the oxidation sweep was used to rep-
resent the average amount of charge storage over the 1.4 V 
window and the mass of LiMn2O4 was calculated from MnO 
XRR thicknesses and densities assuming complete conversion 
to LiMn2O4. The analysis in Figure 8 was performed based on 
a power-law expression for the current, i, versus sweep rate, ν

i avm=  (4)

where, a and m are constants and m corresponds to the slope 
of a log–log plot of current versus sweep rate as depicted in 
Figure 8a. Using a constant phase element description of the 
charge storage processes,[39] the value of m can vary freely 
between the limits of 0.5 and 1, which correspond to diffusive 
and capacitive processes, respectively.[40] Figure 8a also depicts 
bounding conditions for the slope corresponding to ideal capac-
itive and diffusive processes. The fraction of diffusive charge 
storage, fd, is determined using the expression 

1
0.5

df
m= −

 (5)

which is used to calculate the capacitive and diffusive contribu-
tions in Figure 8b. This analysis expands on existing methods 
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Figure 8. Contributions to charge storage for varying MnO thicknesses after electrochemical conversion to LiMn2O4 in basic electrolyte including:  
a) Log–log plot of average current versus sweep rate for deconvolution of capacitive and diffusive contributions to measured current. b) Deconvolution 
of the capacitive and diffusive contributions at various potentials on the CV curve, as depicted in the inset figure. c) Contributions to measured current 
during CV experiments versus the initial number MnO ALD cycles. d) Nonsurface capacitive contributions to the measured current, indicative of bulk 
charge-switching. The currents i1, i2, and i3 are indicated on the voltammogram shown in the inset of (b).

www.wileyonlinelibrary.com


fu
ll p

a
p
er

7903wileyonlinelibrary.com© 2016 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

to separate capacitive and diffusive charge storage using 
expressions of current versus sweep rate,[40,41] as described in 
more detail in the Supporting Information of ref. [14].

The values of slopes for the traces in Figure 8a are 0.83, 0.78, 
0.73, and 0.70 for the 20, 40, 100, and 200 nm samples, respec-
tively. Although the capacity of the LiMn2O4 film derived from 
200 ALD MnO cycles (≈20 nm thickness) is much larger than 
that of the bare stainless steel substrate (see Figure S5, Sup-
porting Information), the processes leading to charge storage 
occur rapidly. Hence, the slope of the trace in Figure 8a for the 
LiMn2O4 film derived from 200 ALD MnO cycles illustrated 
lies close to the ideal double-layer curve. This behavior arises 
from a large surface area to volume ratio for this thin film. For 
thicker films, a larger fraction of charge storage arises from 
diffusion-limited bulk processes. For the LiMn2O4 films derived 
from 1000 and 2000 MnO ALD cycles (≈100 and ≈200 nm 
thicknesses, respectively), the slope of the current versus sweep 
rate lies much closer to the ideal slope for a diffusion limited 
process, although capacitive charge-storage still contributes a 
large fraction to the total charge-storage. These results agree 
with the current understanding of the charge storage mecha-
nism of LiMn2O4 outlined in the introduction, and suggest that 
thinner films result in higher specific mass capacities and rates 
due to the higher fractional contribution from surface capacity, 
and faster ion transport than in thicker films, respectively.

A more in-depth analysis of the current at various poten-
tials in the CV curve elucidates unique mechanistic behavior. 
Figure 8b presents an analysis of the capacitive and diffusive 
contributions to the measured current for varying thicknesses 
of LiMn2O4, and at various points in the CV curve. Here, i1 is 
the peak current observed at ≈0.1 V versus Ag/AgCl, i2 is the 
peak current observed at ≈3.9 V versus Li+/Li, and i3 is the peak 
current observed at ≈4.1 V versus Li+/Li. The overall increase in 
iavg at larger thicknesses corresponds to the bulk conversion to 
LiMn2O4 at basic pHs, as described above for Figure 7b, while 
the more dramatic increase in peak currents i2 and i3 indicates 
that this higher capacity arises mainly from the charge-storage 
processes at the two equilibrium potentials. Thus far, this is 
consistent with existing mechanistic descriptions of charge 
storage in LiMn2O4.

However, the prevailing picture of charge storage ascribes 
nearly all of the observed current at i2 and i3 to diffusive pro-
cesses and requires one Li+ to diffuse out of the material for 
each electron removed from the cathode. Instead, a large capac-
itive contribution, denoted with a subscript c, is observed for i2 
and i3 for all LiMn2O4 thicknesses. If these capacitive contribu-
tions i2c and i3c were solely due to double-layer processes, we 
would expect a constant capacitive over the potential window 
with i3c = i2c = i1c. However, i3c is greater than i1c for all MnO 
thicknesses, as depicted in Figure 8c, surpassing even the total 
average current, iavg! This suggests that an additional capacitive 
process distinct from the surface double layer capacitance con-
tributes to rapid charge storage.

By assuming that i1c is equivalent to the current arising from 
the surface double-layer at each thickness, and that this current is 
constant over the whole potential range, the fraction of capacitive 
current contributed by non-double-layer processes, fc−dl, can be cal-
culated for both i2 and i3. For instance, the capacitive fraction fc−dl 
at peak i3 can be calculated as f3cdl = (i3c −i1c)/i3. The percentages 

of i2 and i3 due to nonsurface capacitive processes, i.e., dielectric 
and bulk charge-switching, for four LiMn2O4 thicknesses are pre-
sented in Figure 8d. We expect dielectric contributions to be negli-
gible, and estimate from Figure 8d that ≈20% of i2 and ≈30% of i3 
arise from bulk electronic charge-switching processes.[24]

In addition to the double layer capacitance we account for 
above, some portion of the rapid charge-switching in Figure 8d 
is expected to arise from rapid faradaic reactions on the sur-
face of the LiMn2O4. However, the contribution of these surface 
processes does not account for the capacitive charge storage 
we observe. Over the potential window from 0.5 to 1 V versus 
Ag/AgCl, we measure a capacitive portion of charge storage at 
a sweep rate of 10 mV s−1 corresponding to 103 F g−1 for the 
LiMn2O4 sample converted from 2000 MnO ALD cycles. The 
combination of double layer capacitance and surface faradaic 
reactions are expected to give rise to ≈100 μF cm−2 of charge 
storage in MnO2.[42] Using this value, this ≈200 nm LiMn2O4 
film would need to have a specific surface area of ≈100 m2 g−1 
in order for surface processes to account for the capacitive 
contribution we measure. Taking the density of LiMn2O4 to be 
4 g cm−3 as calculated from the international crystal structure 
database structure,[43] 100 m2 g−1 corresponds to a uniform 
distribution of LiMn2O4 particles with a 15 nm diameter. For 
thinner LiMn2O4 films and lower sweep rates, this calculated 
specific surface area is larger still. The largest value we calcu-
late of 230 m2 g−1 is for the ≈40 nm LiMn2O4 film thickness at 
a sweep rate of 1 mV s−1 and corresponds to a uniform distribu-
tion of 6 nm particles. While we observe slight surface rough-
ening in Figure 4, we do not observe a dramatic morphology 
change consistent with feature sizes of ≈10 nm. The smallest 
particles visible in Figure 4 are ≈100 nm in diameter, and 
the particles are only sparsely dispersed on the surface. Even 
a dense distribution of 100 nm LiMn2O4 particles would pro-
vide a surface area of only ≈15 m2 g−1, an order of magnitude 
smaller than necessary for surface processes to account for the 
capacitive charge storage we observe.

Furthermore, the capacitive contribution of i1c, i2c, and i3c 
are not consistent with an increase in surface area, further 
supporting the bulk capacitive mechanism we describe. If the 
capacitive contribution arose from surface processes, the capac-
itive contribution of all three peaks (i1c, i2c, and i3c) would be 
proportional to the surface area of each sample. Because i1c, i2c, 
and i3c are greater for larger thicknesses, this would imply that 
thicker LiMn2O4 samples simply have greater surface areas. 
However, our data indicate that i1c, i2c, and i3c do not increase 
uniformly with increasing film thickness and therefore the 
capacitive charge storage cannot only be due to an increase in 
surface area. The capacitive contribution from i1 is 35 μA for 
the thinnest LiMn2O4 sample and approximately three times 
greater at 109 μA, for the thickest LiMn2O4 sample. In con-
trast, the capacitive contribution from i3 is 63 μA for the thin-
nest LiMn2O4 sample and approximately four times greater at 
274 μA for the thickest LiMn2O4 sample. The greater increase 
in i3c indicates a bulk capacitive contribution to i3.

The above analysis suggests that up to ≈30% of rapid charge 
storage in nanoscale LiMn2O4 is due to bulk electronic charge-
switching that does not require transport of Li+ to compensate 
charge, in agreement with our theoretical calculations. Instead, 
electrons are expected to rapidly occupy and vacate a portion 
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of the available electronic states depicted in Figure 6, limited 
only by the extent to which charge accumulation is stable in the 
λ-MnO2 host. This stable accumulation of charge is analogous 
to stable charged dopants in semiconductor applications. The 
λ-MnO2 host dielectrically screens the positive charge, stabi-
lizing it in the structure. When the extent of charge accumula-
tion exceeds what the λ-MnO2 host can accommodate, Li+ will 
migrate into or out of the LiMn2O4 structure as necessary to 
balance charge. Our experimental measurements suggest that 
this bulk electronic charge-switching mechanism accounts for 
up to 20%–30% of the total capacity, conspicuously close to the 
27% of residual Li left in LiMn2O4 upon complete discharge[5,44] 
and the ≈20% of Mn centers which are thought to contribute 
to the rapid charge-storage in pseudocapacitive α-MnO2 with 
incorporated Na+.[24,45] This interpretation also explains pre-
vious EQCM measurements on LiMn2O4 which measure a 
mass per electron value of as low as 4 g mol−1 e− during electro-
chemical cycling of LiMn2O4.[6] If one lithium ion is removed 
for each electron, the expected value is 7 g mol−1 e−. The ≈40% 
lower mass change agrees with the 20%–30% of bulk charge-
switching capacity we calculate from our measurements and 
corroborates our interpretation that 20%–30% of the capacity 
of LiMn2O4 does not require mass transport of Li+ at the sweep 
rates of 1–400 mV s−1 we examine in this work.

2.6. Replacing Lithium with Other Cations

Figure 9 shows cyclic voltammograms for LiMn2O4 as measured 
in various aqueous electrolytes containing different cations. For 
these experiments, 0.1 m Li2SO4, Na2SO4, K2SO4, and MgSO4 
electrolytes were used with the pH of each tuned to 10 using each 
cation’s corresponding carbonate. The use of H2SO4 electrolyte 

is precluded by instability of LiMn2O4 at pH < 4.[46,47] The same 
LiMn2O4 sample was transferred to different electrolyte solutions 
and CV curves were measured in each electrolyte. We observed 
small, but distinct differences between the cations; in Na+ and 
K+ electrolytes a third peak is observed within the same region 
where we measured two peaks in the Li+ electrolyte, and no 
peaks are observed in this region in the Mg2+ electrolyte.

Differences in these CVs are expected to arise due to dif-
fering interactions of the various cations of the electrolyte with 
the host λ-MnO2 structure. Li+ has an ionic radius of 0.59 Å, 
while Na+ and K+ have larger radii of 0.99 and 1.37 Å, respec-
tively.[48] These larger radii are expected to have two separate 
effects. First, incorporation of these larger cations causes an 
expansion of the host MnO2 that distorts the symmetry and 
consequently changes the crystal field interactions between the 
cation and the perturbed orbitals that comprise the conduction 
band minimum. We suggest that this effect gives rise to the 
three peaks we observe in the cases of Na+ and K+ rather than 
the two peaks observed for the case of Li+. Second, these inter-
stitial cations associate at a greater distance from oxygen atoms 
in the host due to their larger radii, resulting in weaker interac-
tions with the MnO2 host as compared to Li+. Hence, these cat-
ions do not stabilize the conduction band states as far into the 
band gap, which explains why in Figure 9 a peak is observed at 
a more negative potential for these cations than was observed 
for the case of Li+.

In contrast, at 0.57 Å, Mg2+ has a smaller ionic radius[48] than 
Li+ and double the positive charge, leading to a stronger positive 
field surrounding Mg2+. This contributes to a large exothermic 
Gibbs energy of hydration ( )hydG∆  for Mg2+ of −19 eV.[49] This 
value is three to five times larger than values reported for Li+, 
Na+, and K+, which are −5.8, −4.6, and −3.9 eV, respectively.[49] 
The stability of the Mg2+ solvation shell suggests that shedding 
solvent is energetically prohibitive and may inhibit Mg2+ from 
incorporating into the host MnO2 at potentials where charge-
switching is favored. If Mg2+ does shed its solvation shell and 
incorporates into the host MnO2 at potentials where charge-
switching is favored, its stronger field will stabilize conduction 
band states farther into the band gap and result in equilibrium 
potentials at more positive potentials than were observed for 
Li+. The absence of a peak in the range of 3.8–4.2 V versus Li+/
Li is consistent with the prediction that Mg2+ does not incorpo-
rate into MnO2, however we were unable to determine the pres-
ence of peaks at more positive potentials with the experiments 
presented herein due to the oxidative decomposition of water at 
potentials >1.1 V versus Ag/AgCl.

Additionally, we performed an equivalent analysis to that 
illustrated in Figure 8 to determine the surface double-layer, 
bulk capacitive, and mass-transport-limited fractions of the 
peak current for each cation by varying the CV sweep rate 
from 1 to 400 mV s−1. The results of this analysis (presented 
in Figure 10) shows that a significant portion (22%–35%) of 
the peak current arises from bulk charge-switching in each 
electrolyte. This may arise from bulk charge-switching tied to 
each type of cation, but considering the relatively constant value 
of this bulk capacitive contribution to current, we suggest that 
it originates from residual Li+ present in the initially lithiated 
MnO2 host throughout the experiments. Further analysis out-
side of the scope of this work will be required to distinguish the 
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Figure 9. CV measurements in 0.1 m Li2SO4, 0.1 m Na2SO4, 0.1 m K2SO4, 
and 0.1 m MgSO4 buffered to a pH of 10 using the carbonate of each 
salt, measured on a sample of 1000 cycles of MnO ALD following elec-
trochemical conversion to LiMn2O4. A qualitative density of states of 
λ-MnO2 upon cation incorporation is depicted in the inset.
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nature of bulk charge-switching for various types of intercalated 
cations.

3. Conclusions

In this work, we demonstrate a novel approach to the synthesis 
of spinel LiMn2O4 by room temperature electrochemical oxi-
dation and lithiation of ultrathin ALD-MnO films in aqueous 
lithium electrolyte. We determine that this conversion is pH-
dependent, with ≤20 nm of MnO converting to LiMn2O4 in a 
mildly acidic electrolyte and as much as 200 nm of MnO con-
verting to LiMn2O4 at a pH of ≈10. We suggest that the pH 
dependence of the conversion of LiMn2O4 arises from a cor-
responding pH-dependence of the thermodynamic favorability 
of MnO4

− formation. At more basic pHs, MnO4
− is more ther-

modynamically stable than MnO2 for a fraction of the scanned 
potential range, resulting in the conversion of surface MnO to 
LiMn2O4 through a dissolution and aggregation growth pro-
cess. This synthesis strategy can be reapplied to other metal 
oxide systems, enabling controlled thin-film synthesis of other 
metastable phases.

Additionally, by employing our newly developed unified elec-
trochemical band diagram framework to analyze the charge 
storage mechanism of LiMn2O4, we identify charge switching 
of the Li+-stabilized conduction band states of the host λ-MnO2 
as the source of the two observed reduction potentials in 
LiMn2O4. This work represents the first time the UEB frame-
work that has been used to study charge storage of an ion inter-
calation material. A traditional band diagram description of the 
host λ-MnO2 predicts a single, averaged reduction potential at 
≈4.0 V versus Li+/Li. The UEB framework is able to more accu-
rately capture the mechanism of charge storage in LiMn2O4 by 
leveraging fundamental solid state physics and defect theory. 

The UEB analysis of the varying charge states of λ-MnO2 upon 
lithium incorporation predicts two equilibrium potentials at 
≈3.9 and 4.1 V versus Li+/Li, corresponding to the energy levels 
of two different intercalated Li+ states with qualitatively distinct 
characters, in close agreement with the experimentally deter-
mined potentials. These results suggest that electronic charge 
switching, which is active in pseudocapacitive materials, may 
also be operative in other common battery materials. Further-
more, the success of the UEB framework in describing charge 
storage in LiMn2O4 suggests that the UEB framework can be 
used broadly to intelligently design new electrode materials for 
advanced batteries as well as other electrochemical systems.

By varying CV sweep rates between 1 and 400 mV s−1 to ana-
lyze the charge-storage character of ultrathin films of LiMn2O4 
with variable thicknesses, we isolated the fraction of the charge-
storage in LiMn2O4 that arises from nonsurface capacitive 
processes. We suggest that this fraction of the capacity, corre-
sponding to 20%–30% of the total capacity, arises from elec-
tronic charge-switching of bulk LiMn2O4 that does not involve 
transport of a compensating amount of Li+ in agreement with 
our theoretical calculations. Such electronic processes should 
proceed rapidly relative to ion transport, because they require no 
heavy-atom rearrangement. We propose that the development 
of new materials that exploit and optimize this effect could pro-
vide a new avenue for rapid and reversible charge-storage.

We also evaluate the ability of LiMn2O4 to store charge in 
electrolytes containing Na+, K+, and Mg2+. We note small dif-
ferences between the charge-storage behavior in electrolytes 
containing each of these cations corresponding to their rela-
tive size and charge. Notably, electrochemical redox peaks are 
observed in the range of 3.8–4.2 V for Li+, Na+, and K+, but not 
for Mg2+. We predict that Mg2+ may induce electrochemical 
redox peaks at potentials >1.1 V versus Ag/AgCl, however we 
were not able to measure the presence of these peaks due to 
the oxidative decomposition of water at potentials >1.1 V. The 
UEB framework enables a qualitative interpretation of how the 
type of intercalating ion will affect the expected equilibrium 
potential(s) for a given host material, which can be leveraged 
to predict the behavior of known cation intercalation electrode 
materials (e.g., lithium ion battery cathode materials) with new 
intercalating cations of emerging importance.

In summary, the novel synthesis of LiMn2O4, the funda-
mental understanding of charge storage in battery materials 
obtained from the unified electrochemical band diagram frame-
work, and the observation of direct evidence for an electronic 
charge-switching storage mechanism described in this work 
have far-reaching implications for informing the development 
of future high-performance cathode materials for batteries 
based on cation-intercalation charge storage.

4. Methods Section

Electrochemical Conversion and Evaluation: Electrochemical con-
version and analysis of the ALD-grown MnO films were per-
formed with a two-channel SP-300 Potentiostat (BioLogic). A 
custom three-electrode flats evaluation cell was used to electro-
chemically characterize the manganese oxide films on stainless 
steel substrates. This custom electrochemical cell employed an 

Adv. Funct. Mater. 2016, 26, 7895–7907

www.afm-journal.de
www.MaterialsViews.com

Figure 10. Peak current decomposed into surface double-layer, bulk 
capacitive, and diffusive contributions versus the cation used in the elec-
trolyte on a sample of 1000 cycles of MnO ALD following electrochemical 
conversion to LiMn2O4.
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O-ring seal on the top surface of the sample, which exposed 
1.21 cm2 of the top surface coated by the MnO ALD film to the 
electrolyte.

A 0.10 m lithium sulfate (Alfa Aesar, 99.99% metals basis) 
aqueous electrolyte was used, where the pH was buffered to 
between 9 and 11 using lithium carbonate (Alfa Aesar, 99%). 
For each sample, fresh electrolyte was added to the cell, and for 
10 min prior to and during electrochemical conversion/evalua-
tion, the cell was purged with argon (Airgas, Prepurified). For 
the three-electrode measurements performed in this work, a 
platinum counter electrode and saturated Ag/AgCl reference 
electrode (BASi) were used.

For each sample, a two-step process was repeated to convert 
MnO to LiMn2O4. First, three CV loops were executed between 
−0.3 and 1.1 V versus a saturated Ag/AgCl reference electrode 
at a sweep rate (ν) of 10 mV s−1. Then, a constant-potential 
oxidation was performed at a potential between 0.8 and 1.0 V. 
These two steps were repeated until the measured CV reached 
reversible steady-state behavior. Following conversion to 
LiMn2O4, additional CV experiments were performed at sweep 
rates of 1 ≤ ν ≤ 400 mV s−1 to evaluate the timescales of the pro-
cesses contributing to charge storage.

Quantum Mechanical Calculations: The approach employed 
to calculate equilibrium potentials in LiMn2O4 expanded upon 
existing theoretical techniques that are limited to calculation 
of average insertion potentials.[25,26] Here, a method based on 
defect formation energy calculations[50–52] was used to calculate 
equilibrium potentials for charge storage in LiMn2O4 by deter-
mining the electronic energy levels at which electronic charge-
switching becomes spontaneous.[24] Rather than relying on the 
intercalating ion elemental reference (e.g., metallic lithium for 
the Li+/Li redox couple), the work function and band gap of the 
host material were employed to evaluate the equilibrium poten-
tials for charge storage on an absolute scale. Although a rigid 
band model[25] was used to determine the absolute reference, 
total energy calculations of the lithiated λ-MnO2 at varying 
charge states referenced to the host λ-MnO2 were also used to 
explicitly describe the effects of ionic and electronic insertion 
on the band structure and determine the potentials at which 
charge-switching becomes favorable. This method provides a 
description which is more transferable to other electrode/elec-
trolyte systems, including those where the ionic and electronic 
insertion processes are highly decoupled or where a suitable 
reference potential for the intercalating ion is not available.

For these calculations, the HSE06 with 25% exact exchange 
was used, which had been shown to accurately describe the 
electronic structure of various crystalline phases of MnO2

[24,53] 
and to accurately predict defect levels.[54] In order to model the 
electronic structure in a manner consistent with experimental 
operating temperatures and with the experimental observation 
of a Néel temperature well below 100 K for spinel LiMn2O4,[55] a 
constraint of low total spin was imposed by restricting calcula-
tions to spin configurations with low net spin. See Section 1 in 
the Supporting Information for further details of these calcula-
tions. The chemical potentials of all atomic species used for cal-
culation of formation energies were determined based on the 
activity of a proton at a pH of 10, which was the approximate 
pH used in the electrochemical measurements in this work 
(see the Supporting Information of ref. [24] for details of the 

chemical potential derivation). Additionally, reported formation 
energiers were referenced to uncharged LiMn2O4. Note that 
the method of using the electrostatic potential to properly align 
the band structures between calculations and place them on an 
absolute scale rendered the calculated redox potentials insensi-
tive to the chemical potentials of the atomic species used for 
evaluating the formation energies. Furthermore, shifts in the 
band edges caused by band bending in response to the double-
layer field at the electrode–electrolyte interface were corrected. 
This was accomplished by using the point of zero charge 
(pHPZC) and by assuming Nernstian behavior in the correction 

0.059(pH pH ) VPZCE∆ = − . The pHPZC of LiMn2O4 was taken to 
be 2, based on experimental results showing a pHPZC < 2.5 for 
LiMn2O4.[56]

Supporting Information
Supporting Information is available from the Wiley Online Library or 
from the author.
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